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Abstract   10 

The formation of solely β-phase titanium after direct laser deposition (DLD) of metastable β-11 

Ti alloy does not provide the desired properties. Hence, we present a study into the ageing 12 

response of DLD built Ti-5553 β-Ti alloy to obtain the bimodal (β+α) microstructure providing 13 

improved properties. The results obtained from the heat treatments showed that a unique 14 

microstructure with refined intragranular and discontinuous grain boundary α-phase can be 15 

obtained by directly ageing (using fast heating rate) the as-built samples at the ageing condition 16 

(600 °C + 0.5 h). This microstructure produced a good balance in mechanical properties (UTS 17 

= 1345 ± 5 MPa and δ = 11.6 ± 0.5 %). The interparticle spacing between the α-phase (𝑑) 18 

showed a correlation with microhardness (𝐻𝑣 = 340 + 158/√𝑑 ) and yield stress (𝜎0.2 =19 

870 + 15086/√𝑑) values for all the aged samples.   20 

Keywords 21 

Titanium alloys; Direct laser deposition; Single and duplex aging; Microstructure-property 22 

relationship  23 
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1. Introduction 24 

Ti–5Al–5Mo–5V–3Cr wt% (Ti-5553) is a metastable β-Ti alloy that offers a high ultimate 25 

tensile strength of ~1265 MPa and a decent ductility of ~10% in the cast and forged conditions, 26 

i.e. wrought material [1]. These properties of the alloy are dependent on the final 27 

microstructure, which itself is sensitive to the heat treatment conditions such as cooling rate, 28 

heating rate, ageing temperature and ageing time [2–4].  29 

Typically after single ageing of homogenised material with the fast heating rate (~100 30 

°C/min), the microstructure of the wrought alloy consists of allotriomorphic α-phase along the 31 

prior-β grain boundaries, and the Widmanstätten α-phase near the grain boundaries [5]; whilst, 32 

the intragranular α-phase exhibits acicular morphology with self-accommodated clusters of 33 

three α variants after single ageing [6]. Single ageing with the slow heating rate (~5 °C/min) 34 

and duplex ageing lead to extreme refinement of intragranular α-phase due to the metastable 35 

isothermal ω-phase (ωiso) precipitate-assisted α-phase nucleation improving strength levels [7]. 36 

The formation of ωiso precipitates happens below 450 °C either by low-temperature ageing or 37 

slowly heating (~5 °C/min) the sample to the desired temperature [3,8,9].   38 

Additive manufacturing of titanium alloys for aerospace is attractive due to design and 39 

near-net-shape benefits [10]. There are several variants of additive manufacturing such as 40 

blown powder deposition, a form of direct laser deposition (DLD); and selective laser melting 41 

(SLM), a form of powder bed fusion [11]. DLD is beneficial because it provides a high 42 

deposition rate and a wider processing window to fabricate larger items in comparison to the 43 

other metal-based additive manufacturing methods [11].  44 

Ti-5553 β-Ti alloy is mostly processed by SLM [12–14], where Carlton et al. [14] recently 45 

reported the influence of single ageing on the mechanical properties of SLM built Ti-5553 β-46 

Ti alloy. However, the influence of different microstructural features, such as size, shape, 47 
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volume fraction, and distribution of α strengthening phase, on the mechanical properties was 48 

not studied. These characteristics of the α-phase are affected by different ageing conditions. 49 

Therefore, the study of microstructure evolution as a function of different ageing conditions 50 

such as single ageing with different heating rates and duplex ageing can help in optimising the 51 

mechanical properties.  52 

The inherent rapid cooling rates associated with DLD led to the formation of solely β-53 

phase in the as-built condition that does not provide the desired mechanical properties [12]. A 54 

bimodal (α+β) microstructure was produced after in situ dwelling (i.e. switching off the laser 55 

beam) and in situ annealing (i.e. laser scanning without feeding powder) after each layer to get 56 

the desired properties. However, an inhomogeneous microstructure was observed after in situ 57 

dwelling and in situ annealing that led to a variation in the microhardness at different locations 58 

[13]. The DLD samples showed anisotropy in the mechanical properties [15] and the aged 59 

samples showed better mechanical properties when compared to the most widely used mill 60 

annealed alloys [10]. Hence, post-processing of these samples was recommended to obtain the 61 

minimum required properties and performance consistency [10]. However, the ageing response 62 

of DLD built β-Ti alloys is not understood and requires the development of a specific post-63 

processing pathway to obtain a substantial improvement in the properties of DLD built β-Ti 64 

alloys. The critical evaluation and understanding of DLD built β-Ti alloy will support the 65 

potential application of additive manufacturing (AM) in the aerospace sector. The 66 

microstructure of the AM samples just after deposition is unique and exhibits the presence of 67 

sub-structures in the β-phase grains [12]. Therefore, it is important to understand the influence 68 

of these sub-structures on the aged microstructures of additively manufactured Ti-5553 β-Ti 69 

alloy. 70 

In this context, we present a study into the ageing response of AM Ti-5553 β-Ti alloy 71 

deposited using DLD. Different post-processing pathways, comprising single and duplex 72 
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ageing, for as-built samples were explored to critically understand the influence of heat 73 

treatment upon part microstructure and the mechanical properties. A range of ageing 74 

temperatures and ageing time were used to understand the microstructural evolution and its 75 

likely effect on mechanical properties. Some as-built samples were also solution-treated to 76 

remove the sub-structures formed and investigate the subsequent effect on microstructure after 77 

ageing. Tensile tests and microhardness measurements were performed to find out the influence 78 

of different aged microstructures on the mechanical properties of AM Ti-5553 β-Ti alloy.  79 

2. Experimental details 80 

2.1. Material deposition 81 

Plasma-atomised spherical Ti-5553 β-Ti alloy powder was obtained from AP&C company 82 

as a starting material. The typical appearance of the as-received powder is shown in Fig. 1 (a). 83 

The particle size distribution of the powder was calculated using scanning electron microscopy 84 

(SEM) images, where the particle size (after measuring 150 particles) lied in the range of 16–85 

148 µm; with an average value of 66 ± 34 µm. The backscattered electron (BSE) mode on a 86 

Zeiss Gemini Sigma 500VP SEM was used to perform all the SEM characterisations. An 87 

accelerating voltage of 20 kV was applied. The aperture size of 60 µm and a working distance 88 

of 6 mm was used. The chemical composition of the powder as measured using inductively 89 

coupled plasma atomic emission spectroscopy (ICP-AES) is presented in Table 1.  90 

Double walls (40 mm × 10 mm × ~1.5 mm; 10 mm along the build direction) of Ti-5553 91 

β-Ti alloy, as shown in Fig 1 (b), were manufactured in an OPTOMEC LENS MR-7 system 92 

equipped with a 1 kW IPG Fiber Laser System. The chemical composition of the as-built 93 

samples, measured using ICP-AES, is presented in Table 1. The Al content (4.98 wt%) of the 94 

as-built samples decreased with respect to the Al content (5.04 wt%) in the powder. This is 95 

because of the evaporation of Al at the high temperature of additive manufacturing processes 96 
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[16]. The oxygen content (0.1 wt%) in the as-built sample was found to be more than the 97 

oxygen content (0.065 wt%) in the powder. This is because of the oxygen pick up during high-98 

temperature additive manufacturing processes [16]. The small samples were deposited for 99 

microstructural and microhardness characterisation. Bigger size double-wall samples (22 mm 100 

× 60 mm × 2 mm; 60 mm along the build direction) were deposited to extract the sub-size 101 

tensile test samples as per ASTM E8 standards. The laser power, feed rate and scanning speed 102 

during the build were 300 W, 6 g/min and 635 mm/min, respectively. The laser spot size was 103 

0.25 mm. The oxygen concentration of the build chamber was maintained within the range of 104 

2–18 ppm during the building process. The melt pool overlap was approximately 50% and the 105 

layer thickness along the build direction was 0.25 mm. 106 

  107 

Fig. 1. (a) SEM micrograph of plasma-atomised spherical Ti-5553 β-Ti alloy powder used for 108 

depositing the alloy samples. (b) typical appearance of the double-wall sample after deposition. 109 

Table 1. Chemical composition of the Ti-5553 β-Ti alloy powder and the as-built samples used 110 

in the current work. 111 

Elements 

(wt%) 
Mo V Al Cr Zr Fe Co C O Nb Ti 

Powder 5.08 4.52 5.04 2.86 <0.01 0.36 <0.01 <0.01 0.065 <0.01 Bal 

As-built 

Sample 
5.10 4.54 4.98 2.86 <0.01 0.38 <0.01 0.01 0.1 <0.01 Bal 

 112 

2.2. Heat treatments 113 

The as-built samples were firstly ground using 320 grit size SiC abrasive paper to remove 114 

the oxide layer formed during deposition. The samples were then sectioned to create 10 mm × 115 

10 mm × ~1.5 mm samples for heat treatments. A Bonderite L-GP Acheson coating was applied 116 



6 

 

to these ground samples to minimise the formation of α-case during the heat treatments. 117 

Subsequently, the coating was dried for a day before the heat treatments. The samples were 118 

either directly aged using single ageing or duplex ageing: duplex ageing comprised pre-ageing 119 

at 300 °C for 8 h and final ageing at a higher temperature. Two different heating rates (~100 120 

°C/min and ~5 °C/min) were used during single ageing to understand the influence of heating 121 

rate on the evolved microstructure. Some of the as-built samples were first solution-treated at 122 

900 °C for 0.5 h followed by water quenching before ageing. The solution treatment was done 123 

to remove the sub-structures formed during deposition and understand their subsequent effect 124 

on ageing.  125 

For single ageing with higher heating rate, the samples were aged at 500 °C, 600°C and 126 

700 °C for 0.5 h and 6 h. For single ageing with slower heating rate and duplex ageing, the 127 

samples were aged at 600°C for 0.5 h. The solution-treated samples were also aged at 600°C 128 

for 0.5 h using single ageing with faster heating rate. All the heat treatment experiments, carried 129 

out in the current work, are summarised in Table 2. These different ageing parameters were 130 

chosen to see their influence on the obtained microstructure and the associated mechanical 131 

properties. The heat treatment experiments were performed under an argon gas atmosphere 132 

with a flow rate of 10 l/min. All the aged samples were finally water-quenched to room 133 

temperature. 134 

 135 

 136 

 137 

 138 

 139 
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Table 2. Heat treatments applied to additively manufactured Ti-5553 β-Ti alloy. WQ refers to 140 

water quenching. 141 

Approach 
Material Initial 

Condition 
Heat Treatment 

As-built plus single ageing 

with faster heating rate (~100 

°C/min)  

As-built 

500 °C/0.5 h WQ  

500 °C/6 h WQ  

600 °C/0.5 h WQ  

600 °C/6 h WQ  

700 °C/0.5 h WQ  

700 °C/6 h WQ  

As-built plus single ageing 

with slower heating rate (~5 

°C/min) 

As-built 600°C/0.5 h WQ  

As-built plus duplex ageing  As-built 300 °C/8 h 600 °C/0.5 h WQ 

Solution-treated plus single 

ageing with faster heating rate 

(~100 °C/min) 

Solution- treated 

(900 °C/0.5 h/WQ) 
600 °C/0.5 h WQ  

 142 

2.3. Material characterisation 143 

The cross-section of the as-built, solution-treated, and aged samples was ground up to 1200 144 

grit size SiC abrasive papers for characterisation. The samples were mounted in 2 mount using 145 

the hot mounting procedure on a Struers’ hot mounting machine (CitoPress-15) to examine the 146 

cross-section. Subsequently, the samples were polished up to 1 µm using diamond suspension 147 

followed by vibratory polishing using 0.02 µm particle size colloidal suspension. The samples 148 

were finally cleaned in an ultrasonic cleaner for 0.25 h using distilled water. 149 

The samples were examined under X-ray diffraction (XRD) for phase analysis applying 150 

Cu-Kα X-ray radiation over a 2θ range of 35° to 100° at a slow scan rate of 1°/min. Previously 151 

published crystallographic data on Ti alloys [9,17,18] was used to identify the phases. Energy-152 

dispersive spectroscopy (EDS) was performed to determine the elemental composition of the 153 

sub-structures observed in the as-built samples. The EDS was performed using X-MaxN 154 

detector from Oxford instruments installed in the same SEM machine. Electron backscatter 155 

diffraction (EBSD) was used to characterise the texture in the material. The NordlysNano 156 

detector from Oxford instruments was used for EBSD scans. An accelerating voltage of 20 kV 157 
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was used. The large area scans were collected using an aperture size of 300 µm and a step size 158 

of 0.2 µm. Channel 5 software was used to analyse the EBSD data. The microhardness values 159 

of the as-built, solution-treated, and aged samples were obtained using the Vickers micro-160 

indentation (0.5 kgf load) method. An average of 40 measurements is reported for each sample.  161 

ImageJ software was used to quantify the evolved microstructure of the as-built and the 162 

aged samples. For quantification of the microstructures using ImageJ, image processing was 163 

performed to obtain the drawings of the microstructures; by reducing the bandpass filter 164 

followed by the thresholding of the microstructure. The obtained drawings looked similar to 165 

the microstructures. One such example is shown in Supplementary Note 1.  166 

Tensile tests were also conducted on the aged samples to find out the influence of different 167 

ageing approaches on the mechanical properties of the AM Ti-5553 β-Ti alloy. Samples aged 168 

at 600 °C for 0.5 h via different ageing approaches were selected for tensile tests, where the 169 

gauge length, the width of the gauge section and the thickness of the tensile test samples were 170 

kept as 12.7 mm, 3 mm, and 1 mm, respectively. The samples were extracted with the long 171 

axis along the build direction. The tensile tests were conducted at room temperature on a 10 172 

kN Instron machine (servo-hydraulic) with a strain rate of 10–4/s. Three samples were tested 173 

under each condition and the average data is presented here. 174 

3. Results 175 

3.1. Microstructural characterisation 176 

3.1.1. As-built microstructure 177 

The as-built samples showed the presence of spherical gas pores (19-62 µm) mostly 178 

distributed at the edges. The average number density per unit area was calculated as ~0.22 per 179 

mm2. The EBSD map of the cross-section of the as-built sample is shown in Fig. 2 (a). The as-180 
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built samples exhibited a homogeneous microstructure (Fig. 2 (b)), and XRD analysis (Fig. 3) 181 

confirmed the presence of solely β-phase in the as-built microstructure. This implies that the 182 

material may be aged directly rather than requiring a subsequent solution-treatment process as 183 

done with conventionally manufactured materials. The β grains become increasingly elongated 184 

towards the bottom of the as-built sample (Fig. 2 (a)), whilst more equiaxed grains were present 185 

at the top of the sample (Fig. 2 (a)). The width of the β grains (after measuring 100 grains) 186 

remained the same from bottom to top as 184 ± 66 µm. The as-built samples exhibited slight 187 

texture in the <100> direction, and the β grains grew along the build direction. The texture 188 

intensity was measured as 4 times random (Fig. 2 (c)). The scan (melt pool) tracks are also 189 

visible in the micrograph (Fig. 2 (b)) throughout the sample. The microstructure also consisted 190 

of sub-structures within the β grains. These sub-structures were of cellular morphology. If we 191 

look between two scan tracks (Fig. 2 (b)), the sub-structures are not present at the top of the nth 192 

scan track; however, when approaching the (n+1)th scan track, the sub-structures are mainly 193 

present just below the (n+1)th scan track. The average sub-structure width was 14 ± 4 µm. The 194 

above observations remained true throughout the as-built sample, i.e. from bottom to top. 195 

Please see Supplementary Note 2. 196 

 197 

 198 
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 199 

Fig. 2. (a) The EBSD map of the cross-section of the as-built sample showing the characteristics 200 

of β-phase along the build direction. (b) shows the SEM micrograph of the as-built sample 201 

showing the presence of solely β-phase and the cellular sub-structures after deposition. (c) 202 

shows the pole figures for the as-built sample taken along {100}, {110}, and {111}. The pole 203 

figures suggest that the β grains in the as-built samples have a preferential alignment along the 204 

<100> direction with texture intensity as 4 times random. 205 

 206 
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  207 

Fig. 3. The evolution of XRD diffraction patterns for as-built, pre-aged (300 °C + 8 h) and 208 

single-aged samples at different temperatures for 0.5 h after following single ageing with faster 209 

heating rate (SA1) approach. AB refers to the as-built sample. ω (211) peak observed after 210 

ageing for 8 h at 300 °C is also highlighted in the figure. 211 

The elemental mapping (Fig. 4) of the as-built samples revealed that the sub-structure 212 

cores (Point 1) were slightly rich in Mo (6.3±0.2 wt%), whilst depleted in Cr (1.9±0.09 wt%). 213 

The sub-structure boundaries (Point 2) were slightly depleted in Mo (5.5±0.1 wt%) and rich in 214 

Cr (2.3±0.05 wt%). However, the remaining elements (Ti, V, and Al) were homogenous in the 215 

sub-structure. The results of the compositional analysis (after 40 measurements across the 216 

sample) done within the core of sub-structures, sub-structure boundaries and sub-structure free 217 

region of the as-built samples are shown in Table 3. 218 

 219 

Fig. 4. The left-hand side image (grey colour) is an SEM image on which EDS mapping was 220 

performed. The EDS mapping results for the as-built samples are shown as the coloured maps. 221 

The maps indicate that the sub-structures (Point 1) are rich in Mo and depleted in Cr, whilst 222 

the sub-structure boundaries (Point 2) are rich in Cr but depleted in Mo. 223 

 224 
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Table 3. The compositional analysis (in wt%) of the sub-structure core, sub-structure 225 

boundaries and sub-structure free region in the as-built samples. 226 

Region Ti V Al Mo Cr 

Sub-structure core 83.7±0.1 4.5±0.09 3.6±0.05 6.3±0.2 1.9±0.09 

Sub-structure boundaries 83.9±0.1 4.6±0.1 3.7±0.05 5.5±0.1 2.3±0.05 

Sub-structure free region 83.8±0.1 4.5±0.1 3.7±0.06 5.9±0.1 2.1±0.05 

 227 

3.1.2. Heat-treated microstructure 228 

The solution-treated sample did not show any presence of sub-structures, and only β-phase 229 

was present, as shown in Fig. 5 (a). The width of the β grains (after measuring 100 grains) was 230 

measured as 187 ± 66 µm, which is approximately the same as the as-built sample. No changes 231 

in the β grains were observed after solution treatment. Elongated β grains were still present in 232 

the microstructure. Please see Supplementary Note 3. This has also been seen previously for 233 

wrought alloy samples where solution treatment (at 900 °C for 0.5 h) did not cause any changes 234 

to β grains of Ti-5553 β-Ti alloy [1,9]. The as-built and the solution-treated samples showed 235 

differences in their subsequent ageing response. Fig. 5 (b) and (c) show the microstructures of 236 

the as-built and the solution-treated samples, respectively, following an ageing heat treatment 237 

(single ageing with faster heating rate) of 600 °C for 0.5 h. A generally more refined 238 

intragranular α-phase was observed for the as-built sample compared to the solution-treated 239 

sample after ageing. Both samples showed a similar self-accommodating acicular morphology 240 

of the intragranular α-phase. The solution-treated sample also showed Widmanstätten α-phase 241 

near grain boundaries in the aged condition, that grows from the grain boundary α-phase to the 242 

interior of the β grains. No Widmanstätten α-phase was observed near grain boundaries for 243 

aged as-built samples (Fig. 5 (b)). The volume fraction of the intragranular α-phase was similar 244 

(~52%) for both the aged samples. The width of the intragranular α-phase was larger for the 245 

solution-treated sample (139 ± 22 nm) compared to the as-built sample (105 ± 20 nm), based 246 

on a measurement of 150 α-phase. The interparticle (α-phase) spacing for as-built and solution-247 

treated samples was found to be about 137 ± 17 nm and 187 ± 16 nm, respectively. The meaning 248 
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of width and interparticle spacing of intragranular α-phase is explained in Supplementary Note 249 

4.  250 

  251 

Fig. 5. (a) The BSE-SEM microstructure of the solution-treated (ST) sample showing the 252 

presence of solely β-phase without any sub-structures. (b) and (c) show the BSE-SEM 253 

microstructure of aged (600 °C/0.5 h) Ti-5553 β-Ti alloy directly after deposition (AB) and 254 

after solution treatment (ST), respectively, illustrating the grain boundary and intragranular α-255 

phase characteristics. 256 

It is also important to note here that the sub-structures were still visible (Fig. 6 (a)) in the 257 

aged microstructure. The elemental mapping results for the aged samples are shown in Fig. 7. 258 

The results of the composition analysis (after 40 measurements across the sample) done within 259 

the core of sub-structures, sub-structure boundaries and sub-structure free region of the aged 260 

samples are shown in Table 4. Similar to the as-built samples, the aged samples exhibited Mo 261 

rich (6.1±0.1 wt%) and Cr depleted (1.9±0.1 wt%) sub-structure cores, and Cr rich (2.5±0.05 262 

wt%) and Mo depleted (5.3±0.1 wt%) sub-structure boundaries.  263 

The width and morphology of the α-phase precipitates remained uniform within sub-264 

structure and sub-structure free regions, i.e., there was no observable difference in the 265 

microstructure of the aged samples when examined within the sub-structures and sub-structure-266 

free regions, as shown in Fig. 6. In addition, thinner and discontinuous grain boundary α-phase 267 
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was observed for the as-built sample (Fig. 5 (b)), whilst a thicker and continuous grain 268 

boundary α-phase was observed for the solution-treated (Fig. 5 (b)) sample after ageing. The 269 

as-built and the solution-treated samples, after ageing, did not show any observable difference 270 

in the width and morphology of the α-phase along the build height. 271 

 272 

Fig. 6. BSE-SEM microstructure of aged (600 °C/0.5 h) Ti-5553 β-Ti alloy showing (a) the 273 

presence of sub-structures after ageing. (b) shows low magnification SEM micrograph showing 274 

the uniform distribution of intragranular α-phase across the sub-structures and sub-structure 275 

free regions. AB refers to the as-built sample. (c) and (d) show the high magnification SEM 276 

micrographs from sub-structures and sub-structure free regions, respectively. No observable 277 

difference in the α-phase characteristics was observed across the different regions.  278 

 279 

Fig. 7. The left-hand side image (grey colour) is an SEM image on which EDS mapping was 280 

performed. The EDS mapping results for the aged samples (600 °C/0.5 h; using fast heating 281 

rate) are shown as the coloured maps. The maps indicate that the sub-structures are rich in Mo 282 

and depleted in Cr, whilst the sub-structure boundaries are rich in Cr but depleted in Mo. 283 

 284 

 285 
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Table 4. The compositional analysis (in wt%) of the sub-structure core, sub-structure 286 

boundaries and sub-structure free region in the aged samples. 287 

Region Ti V Al Mo Cr 

Sub-structure core 83.8±0.2 4.6±0.09 3.8±0.05 6.1±0.1 1.9±0.1 

Sub-structure boundaries 83.9±0.2 4.7±0.05 3.7±0.08 5.3±0.1 2.5±0.05 

Sub-structure free region 83.9±0.1 4.5±0.1 3.8±0.06 5.6±0.1 2.2±0.05 

 288 

The BSE-SEM microstructures of the samples aged by single ageing with slow heating 289 

rate and duplex ageing approaches but with a common treatment step (600 °C + 0.5 h), are 290 

shown in Fig. 8 (a) and (b), respectively. The microstructures showed the presence of extremely 291 

refined α-phase precipitates uniformly distributed within the β-phase grains. The duplex-aged 292 

and slow-heated single-aged samples exhibited similar microstructures. However, a more 293 

refined microstructure was obtained in these cases when compared to the fast-heated single-294 

aged samples (as-built and solution-treated).  295 

The presence of α-phase in the as-built plus single-aged microstructures after ageing at 296 

different temperatures (500 °C, 600 °C, and 700 °C) with fast heating rate can also be 297 

confirmed from the XRD analysis (Fig. 3). The sample aged at 300 °C for 8 h during duplex 298 

ageing showed the presence of a small volume fraction of isothermal ω-phase in the XRD data 299 

(Fig. 3); however, no α-phase was observed after ageing at 300 °C for 8 h. 300 

A relatively thicker and continuous grain boundary α-phase was observed after single 301 

ageing with slower heating rate, and after duplex ageing when compared to the as-built samples 302 

directly aged using single ageing with faster heating rate. Very thin precipitate-free-zones 303 

(PFZ) were also observed near the grain boundaries for the slow-heated single-aged and the 304 

duplex aged samples, whilst the fast-heated single-aged as-built samples only showed PFZ 305 

after ageing at 700 °C (Supplementary Note 5). The morphology of the intragranular α-phase 306 

remained the same throughout the single ageing of the as-built samples with faster heating rate 307 

conditions. The samples aged at 700 °C showed thick and continuous grain boundary α-phase 308 

(Supplementary Note 5).  309 
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 310 

Fig. 8. The BSE-SEM microstructure of the additively manufactured Ti-5553 β-Ti alloy aged 311 

at 600 °C for 0.5 h using (a) single ageing with slower heating rate, and (b) duplex ageing.    312 

Table 5 shows the quantified values of the aged microstructures in terms of volume 313 

fraction, width and interparticle spacing of the intragranular α-phase. An average of 150 314 

measurements is reported for the width and interparticle spacing of the intragranular α-phase. 315 

The aged samples did not show any observable difference in the width and interparticle spacing 316 

of the α-phase along the build height. 317 

 For single ageing of the as-built samples with the faster heating rate, the maximum volume 318 

fraction of α-phase (~52%) was obtained for the samples aged at 600 °C, independent of ageing 319 

time (Table 5). The lowest volume fraction was observed at 700 °C. This is due to the proximity 320 

to the β-transus temperature (~850 °C). The volume fraction remained constant with increasing 321 

ageing time at 700 °C. At 500 °C, the volume fraction increased with an increase in the ageing 322 

time. Different ageing approaches showed similar (~52%) volume fraction of α-phase when 323 

the samples were aged at 600 °C for 0.5 h, i.e., pre-ageing and heating rate have not affected 324 

the volume fraction of α-phase when aged at 600 °C for 0.5 h.  325 

For single ageing of as-built samples with the faster heating rate, the width and interparticle 326 

spacing of α-phase increased with increased ageing temperature (Table 5). The width and 327 

interparticle spacing of α-phase remained constant as the ageing time was increased during 328 

ageing at 500 °C. However, the volume fraction increased. This indicates that the number 329 

density increases with ageing time leading to reduced interparticle spacing (Table 5). The 330 

reason for not coarsening with ageing time at this temperature is because the α-phase 331 
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precipitation initiates at near this temperature. The coarsest microstructures were obtained for 332 

the samples aged at 700 °C (Table 5). The observation of coarser intragranular α-phase at 700 333 

°C is attributed to the availability of a larger diffusion rate at the higher temperature [19]. The 334 

width and interparticle spacing of α-phase for the samples aged at 700 °C remained 335 

approximately similar with increased ageing time. At 600 °C, the α-phase coarsened and 336 

interparticle spacing increased with ageing time. The precipitation of coarser α-phase leads to 337 

a region with more β-stabilisers in the surrounding region of the precipitates. The precipitation 338 

of α-phase is difficult in this region because of the high stability of the region due to enrichment 339 

in β-stabilisers. Hence, it gives a broader β stabilised region in the surrounding of the 340 

precipitates leading to higher interparticle spacing as stated above. The slow-heated single-341 

aged and the duplex-aged samples showed extremely refined α-phase due to ωiso assisted 342 

nucleation. 343 

Table 5. The characteristic variation in volume fraction, width of intragranular α-phase, and 344 

interparticle spacing between the α-phase as a function of different ageing approaches. 345 

Approach 

Heat treatment 

condition 
Volume 

fraction 

(%) 

Width 

(nm) 

Interparticle 

spacing (nm) Temperature 

(°C) 

Time 

(h) 

As-built plus single 

ageing with faster 

heating rate 

500 
0.5 48.5 55 ± 15 110 ± 20 

6 50.6 60 ± 13 98 ± 18 

600 
0.5 52.7 105 ± 20 137 ± 17 

6 52.8 118 ± 21 158 ± 16 

700 
0.5 40.1 163 ±24 259 ± 38 

6 39.8 165 ± 22 266 ± 30 

As-built plus single 

ageing with slower 

heating rate 

600 0.5 52.8 81 ± 21 115 ± 15 

As-built plus duplex 

ageing 
600 0.5 52.9 83 ± 20 113 ± 17 

Solution-treated plus 

single ageing with faster 

heating rate 

600 0.5 52.3 139 ± 22 187 ± 16 

 346 

The variation in linear density of grain boundary α-phase, i.e. total coverage of grain 347 

boundary (in %) for the as-built and the solution-treated samples as a function of different 348 
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ageing conditions is shown in Fig. 9. The grain boundary α-phase was analysed over a range 349 

of grain boundaries across the sample. For single ageing of the as-built samples with faster 350 

heating rate, the linear density of grain boundary α-phase increased with ageing temperature. 351 

The samples aged at 500 °C and 600 °C showed discontinuous grain boundary α-phase. 352 

However, continuous grain boundary α-phase was observed after ageing at 700 °C. It is 353 

important to note here that the solution-treated single-aged sample showed very high grain 354 

boundary coverage when compared with the fast-heated single-aged as-built sample aged at 355 

the same temperature (600 °C). The slow-heated and duplex aged sample also showed the 356 

presence of continuous grain boundary α-phase, as can be seen in Fig. 9.  357 

  358 

Fig. 9. The characteristic variation in linear density of grain boundary α-phase precipitates 359 

along with interparticle spacing between intragranular α-phase precipitates for the as-built and 360 

the solution-treated samples as a function of ageing temperature.  361 

3.2. Microhardness and tensile test results 362 

The hardness and the tensile test results are presented in Table 6. The hardness values of 363 

the as-built and the solution-treated samples before ageing remained within the error bars and 364 

were found to be 311 ± 8 Hv and 305 ± 5 Hv respectively. The removal of sub-structures after 365 

solution treatment does not affect the hardness values significantly. Hence, it is stated that the 366 

sub-structures do not act as barriers to the dislocations or do not act as the nucleation points 367 
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that can possibly affect the subsequent precipitation of α-phase during ageing. The as-built 368 

sample showed the hardness value (311 ± 8 Hv) very close to the value obtained for wrought  369 

Ti-5553 β-Ti alloy after solution treatment (288 ± 5 Hv) [20]. The small difference in the 370 

hardness value is because of the coarser β grain size (245 ± 65 µm) for wrought samples in the 371 

literature [20] when compared to the β grain size in as-built samples (184 ± 64 µm). The 372 

hardness value remained low for the single-aged (600 °C/0.5 h) solution-treated sample (400 ± 373 

5 Hv) when compared to the fast-heated single-aged (600 °C/0.5 h) as-built sample (424 ± 5 374 

Hv).  375 

For single ageing of the as-built samples with the faster heating rate approach, the highest 376 

microhardness values were obtained for samples aged at 500 °C. The hardness value increased 377 

with ageing time (0.5 h to 6 h) at 500 °C. The samples aged at 700 °C showed the lowest 378 

hardness. The hardness of the samples decreased as the ageing time was increased at 600 °C, 379 

however, ageing time did not affect the hardness values after ageing at 700 °C. The slow-heated 380 

single-aged and duplex-aged samples showed similar microhardness values. These samples 381 

also showed a higher hardness when compared to the fast-heated single-aged samples (as-built 382 

and solution-treated).  383 

Tensile test curves of the aged (600 °C + 0.5 h) Ti-5553 β-Ti alloy samples following 384 

different ageing approaches are shown in Fig. 10. It can be seen from Table 6 that the slow-385 

heated single-aged and the duplex-aged samples showed similar tensile properties; whilst 386 

possess higher ultimate tensile strength when compared to fast-heated single-aged as-built and 387 

solution-treated samples. This trend in ultimate tensile strength for slow-heated single-aged 388 

and duplex-aged samples is similar to the hardness trend. The slow-heated single-aged and the 389 

duplex-aged samples showed lower ductility than fast-heated single-aged as-built and solution-390 

treated single-aged samples. The fast-heated single-aged as-built sample showed a good 391 

balance in mechanical properties (Table 6); the ultimate tensile strength for this sample is 392 
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higher than the solution-treated single-aged samples. This sample showed the highest ductility 393 

amongst all the aged samples. Khodabakhshi et al. [21] reported that the ultimate tensile 394 

strength of the metals and alloys is approximately three times the microhardness values; this 395 

relationship also holds true for the current work (Table 6). It is also important to note here that 396 

the obtained microhardness and tensile test results for the current work were found to be 397 

comparable (Table 6) with the available microhardness and tensile test results in the literature 398 

for SLM-built [14] and wrought [1,22] Ti-5553 β-Ti alloy. This boosts confidence in exploring 399 

the DLD process in a production application. 400 

 401 

 402 

 403 

 404 

 405 

 406 

 407 

 408 

 409 

 410 

 411 

 412 

 413 
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Table 6. Vickers microhardness and tensile test results for additively manufactured Ti-5553 β-414 

Ti alloy as a function of different ageing conditions. The data presented illustrate the 415 

microhardness and tensile test results for the samples aged via single ageing with faster heating 416 

rate, single ageing with slower heating rate, duplex ageing, and single ageing with faster 417 

heating rate after solution treatment. The table also shows a comparison of the microhardness 418 

and tensile test results from the current work with the available microhardness and tensile test 419 

results in the literature for additively manufactured [14] and wrought [1,22] Ti-5553 β-Ti alloy. 420 

Approach 

Heat treatment 

condition Hardness 

(Hv0.5) 

~σUTS 

(MPa) 

~σ0.2 

(MPa) 
δ (%) 

Temperature 

(°C) 

Time 

(h) 

As-built plus single ageing 

with faster heating rate 

500 
0.5 471 ± 4 - - - 

6 488 ± 4 - - - 

600 
0.5 424 ± 5 

1345 ± 

5 

1060 ± 

5 

11.6 

± 0.5 

6 410 ± 3 - - - 

700 
0.5 344 ± 3 - - - 

6 345 ± 4 - - - 

As-built plus single ageing 

with slower heating rate 
600 0.5 462 ± 8 

1380 ± 

8 

1200 ± 

6 

4.2 ± 

0.2 

As-built plus duplex ageing 600 0.5 459 ± 8 
1365 ± 

4 

1200 ± 

4 

4 ± 

0.3 

Solution-treated plus single 

ageing with faster heating 

rate 

600 0.5 400 ± 5 
1150 ± 

3 
925 ± 4 

8.2 ± 

0.4 

Wrought material (single 

ageing with faster heating 

rate) [1,22] 

600 0.5 476 
1265 ± 

5 

1173 ± 

4 

9 ± 

0.7 

 1 490 - - - 

Wrought  material (duplex 

aged) [1] 
600 1  

1368 ± 

11 
- 

2 ± 

0.4 

Additively manufactured 

(single ageing with faster 

heating rate) [14] 

500 1 475 ± 20 - - - 

600 1 416 ± 16 
1371 ± 

21 

1332 ± 

32 

3.5 ± 

0.6 

700 1 362 ± 14 - - - 

 421 

 422 

 423 
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 424 

Fig. 10. The tensile test curves for the aged (600 °C + 0.5 h) Ti-5553 β-Ti alloy following 425 

different ageing approaches. The tests were conducted at room temperature with a strain rate 426 

of 10–4/s. 427 

4. Discussion 428 

4.1. Development of microstructure for as-built samples 429 

The formation of solely β-phase in the microstructure of the as-built sample is attributed 430 

to the rapid cooling during deposition. The elongation of β-phase grains along the build height 431 

is attributed to the temperature gradient along the build height during deposition. The high-432 

temperature gradient towards the bottom of the sample led to columnar solidification, however, 433 

a reduced temperature gradient at the top of the samples resulted in a higher fraction of 434 

equiaxed β-phase grains [12,23]. The crystallisation of undercooled melt takes in the most 435 

preferred growth directions [12], which is the <100> for BCC structures [24].  436 

The formation of the sub-structures can be understood from the constitutional 437 

undercooling [23,25]. The reduction in the temperature gradient ahead of the planar interface 438 

increases the undercooling leading to increased outgrowth away from the interface. Hence, the 439 

cell structure is formed, which causes the rejection of solute causing the reduction in 440 

equilibrium solidification temperature [23]. When the nth melt pool (Fig. 2 (b)) is deposited 441 

over the (n-1)th melt pool (already deposited material), then the top of the material will have 442 
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approximately similar temperature as that of the surrounding which will decrease the 443 

temperature gradient at the top of the nth melt pool, i.e. below the (n+1)th scan track (Fig. 2 (b)). 444 

Hence, we have seen cellular sub-structures just below the (n+1)th scan track (Fig. 2 (b)). The 445 

segregation of the solute elements is dependent on their solubility limits in the liquid and the 446 

solid states. Depending on the solubility, the solid may either take excess solute from the liquid 447 

or reject solute into the liquid. The redistribution of the solute elements can be understood with 448 

the help of equilibrium segregation coefficient (k) (Equation (1)) that is defined as the ratio of 449 

solute concentration in the solid (Cs) and the liquid (CL) at the solid interface at any given 450 

temperature T.  451 

k = Cs/ CL                                                                                                                                  (1) 452 

The solubility of a solute is dependent on the temperature. At a particular temperature 453 

when k < 1, the solute solubility is greater in the liquid phase relative to the solid. For k > 1, 454 

the solute solubility is greater in the solid phase. This means that when the solute solubility 455 

decreases for a particular phase then it cannot hold the solute further and rejects it to another 456 

phase during solidification. From Ti-Mo and Ti-Cr phase diagrams, the k values were 457 

calculated to be greater and less than 1, respectively. This implies that Mo will be rejected to 458 

the solid phase, i.e., the core of the sub-structures, however, Cr will be rejected to the sub-459 

structure boundaries. For the remaining solute elements, the k values were calculated to be 460 

approximately equal to 1, which indicates that they are uniformly distributed across the sub-461 

structures. This correlates to observations from EDS analysis (Table 3).  462 

Whilst depositing the nth melt pool, the bottom portion of the melt pool will be in touch 463 

with the already deposited material ((n-1)th melt pool). This will lead to a higher temperature 464 

gradient in the bottom part of the nth melt pool (region above nth scan track in Fig. 2 (b)). This 465 
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higher temperature gradient during solidification will reduce the outgrowth leading to no sub-466 

structures in this region, as can be seen just above nth scan track in Fig. 2 (b).   467 

4.2. Development of microstructure for aged samples 468 

Previously published literature [26] has shown higher dislocation density in the as-built 469 

samples. This is due to the rapid solidification of the sample during deposition. However, the 470 

heat treatment of the sample will cause the annihilation of the dislocations [27]. Hence, the 471 

solution-treated sample will have a lower number density of dislocations. These dislocations 472 

in the sample will act as the nucleation sites for the α-phase precipitation. Hence, the refinement 473 

of intragranular α-phase for the as-built sample in comparison to the solution-treated sample is 474 

attributed to the higher number density of dislocations in the as-built condition. The EDS 475 

analysis (Table 4) of the aged samples have also shown that the sub-structure core are rich in 476 

Mo, but depleted in Cr, whilst sub-structure boundaries are rich in Cr and depleted in Mo. This 477 

is same as the EDS analysis (Table 3) for the as-built samples. The value of Mo equivalent for 478 

the sub-structure free region, the core of the sub-structure and the sub-structure boundary was 479 

calculated as ~8.3. The representation of Mo equivalent is presented in Equation 2. This was 480 

taken from reference [28]. The Mo equivalent is almost the same for all the regions. Mo 481 

equivalent controls the precipitation temperature for the phases. Having the same Mo 482 

equivalent will lead to same precipitation temperature for α-phase in all these different regions. 483 

Hence, this is the reason for getting the uniform microstructure throughout although we have 484 

seen Mo and Cr segregation across the sub-structures, but both are β-phase stabilisers. 485 

[𝑀𝑜]𝑒𝑞 = [𝑀𝑜] + 0.22[𝑇𝑎] + 0.28[𝑁𝑏] + 0.44[𝑊] + 0.67[𝑉] + 1.6[𝐶𝑟] + 1.25[𝑁𝑖] +486 

1.7[𝐶𝑜] + 2.9[𝐹𝑒] − 1.0[𝐴𝑙]                                                                                                  (2) 487 

The formation of extremely refined microstructure for the slow-heated single-aged and the 488 

duplex-aged samples is because of ω-phase-assisted α-phase nucleation. The refinement of the 489 

intragranular α-phase for the fast-heated single-aged samples after ageing at a lower 490 
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temperature (500 °C and 600 °C), and the slow-heated single-aged and the duplex-aged 491 

samples may also result in a loss of ductility, as reported in [29]. However, the ductility is 492 

reported [6] to be dominated by the grain boundary α-phase. The authors reported an empirical 493 

relation between ductility and grain boundary α-phase based on their experimental validation. 494 

They reported that a higher degree of discontinuity in the grain boundary α-phase is directly 495 

proportional to an increase in ductility. For the current work, discontinuous grain boundary α-496 

phase was observed after single ageing the as-built samples with the faster heating rate at 500 497 

°C and 600 °C. Discontinuous grain boundary and refined intragranular α-phase for as-built 498 

samples after ageing are desired for simultaneously achieving high ductility and strength.  499 

As understood from the grain boundary α-phase data (Fig. 9) for fast-heated single-aged 500 

as-built samples, it is stated the grain boundary α primarily starts forming with the 501 

heterogeneous nucleation at the grain boundaries and then grows due to diffusion of Al and O 502 

(α stabilizing elements) from the surroundings to the grain boundary α [6]. The diffusion of Al 503 

and O from the grain boundary surroundings makes the region rich in β-stabilisers, hence, 504 

leading to the formation of PFZ. The growth of the α-phase at grain boundary allows the 505 

different nucleants at grain boundary to connect and form a continuous grain boundary α. The 506 

nucleation and growth of the α-phase is a temperature-dependent process; hence, a larger rate 507 

of diffusion happens at 700 °C leading to continuous grain boundary α-phase. 508 

4.3. Effect of microstructure on microhardness and tensile properties 509 

The effect of interparticle spacing on the mechanical properties in Ti–6Mo–5V–3Al–2Fe 510 

β-Ti alloy has been considered previously [19]. This work suggests that the variation in 511 

interparticle spacing observed in the present work would contribute to a change in mechanical 512 

properties. The reduction in the interparticle spacing is directly linked to the increase in strength 513 

and hardness [10,16,30]. Therefore, it is concluded that the increase in hardness of ~24 Hv for 514 
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the as-built sample in comparison to solution-treated sample after ageing with faster heating 515 

rate is solely due to the reduction in the interparticle spacing between the α-phase. A similar 516 

proportional change is expected in the ultimate tensile strength of the material [31,32] as seen 517 

from the tensile test results (Table 6). 518 

The observation of the highest microhardness and ultimate tensile strength for the slow-519 

heated single-aged and the duplex-aged samples is because of the extremely refined 520 

microstructure. This makes the dislocations to pile up into more interfaces due to reduced 521 

interparticle spacing, and the movement is restricted; whilst relatively coarser microstructure, 522 

as observed for fast-heated single-aged as-built and solution-treated samples, allows the greater 523 

movement of dislocations between interparticle spacing; leading to a decrease in hardness and 524 

ultimate tensile strength values. However, the fast-heated single-aged as-built sample showed 525 

higher microhardness and ultimate tensile strength values than the fast-heated single-aged 526 

solution treated sample due to relatively finer microstructure. 527 

 The hardness values decreased with temperature due to an increase in interparticle spacing 528 

in the microstructure. The samples aged at 500 °C showed the highest hardness amongst the 529 

single aged sample using single ageing with faster heating rate. This is attributed to the reduced 530 

interparticle spacing. The further increment in hardness with ageing time at this temperature 531 

was because of the increased number density of α-phase (as stated above) leading to a further 532 

reduction in interparticle spacing (Table 5). At 700 °C, the coarsened α-phase and the reduced 533 

volume fraction led to the increase in interparticle spacing; hence, leading to a decrease in 534 

hardness. The ageing time at 700 °C did not cause any change in the hardness because the 535 

interparticle spacing and volume fraction of α-phase remained constant with ageing time. The 536 

drop in the hardness with ageing time at 600 °C is because of the coarsening of the α-phase 537 

leading to increased interparticle spacing. 538 
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A correlation between the microhardness values and the interparticle spacing between the 539 

α-phase (d) was established for all the aged samples. A high value of correlation coefficient, 540 

R2 = 0.99, was observed for the fitted regression lines. The mean interparticle spacing between 541 

the α-phase was considered as the best microstructural feature to control the microhardness 542 

values. The dependence of microhardness and the interparticle spacing between the α-phase is 543 

represented in Fig. 11 (a), and the relation is given in Equation 3. A similar correlation was 544 

obtained between the yield stress (σ0.2) values and the interparticle spacing, as shown in Fig. 545 

11 (b). A high value of correlation coefficient, R2 = 0.97, was observed for the fitted regression 546 

lines. The relation is given in Equation 4. 547 

𝐻𝑣 = 340 + 158/√𝑑                                                                                                               (3) 548 

𝜎0.2 = 870 + 15086/√𝑑                                                                                                         (4) 549 

 550 

Fig. 11. The variation of mean (a) hardness and (b) yield stress with the inverse of the square 551 

root of mean interparticle spacing between the α-phase after ageing the AM Ti-5553 β-Ti alloy 552 

samples. 553 

The slow-heated single-aged and the duplex-aged samples showed lower ductility than the 554 

fast-heated single-aged as-built and solution-treated samples. The extreme refinement of the α-555 

phase leads to a flatter interface between the intragranular precipitate and the grain boundary. 556 

Therefore, higher stress is required to deform the samples which leads to the formation of voids 557 

and expansion mainly along the interface; subsequently leading to intergranular fracture [1]. 558 

Also, the presence of continuous grain boundary α-phase plays an important role in the 559 
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reduction of the ductility for the slow-heated single-aged and the duplex-aged samples [6]. The 560 

solution-treated single-aged sample showed the least ultimate tensile strength amongst all the 561 

aged samples, but higher ductility than the slow-heated single-aged and the duplex-aged 562 

samples. The least ultimate strength was because of the coarsest microstructure leading to 563 

larger interparticle spacing (Table 5); however, the non-uniform size and distribution of 564 

intragranular α-phase precipitates results in distinct lamella spacing and undulating interface 565 

that assimilates more plastic dissipation leading to higher ductility [1]. The fast-heated single-566 

aged as-built sample showed a good balance in mechanical properties (Table 6). This sample 567 

showed the highest ductility amongst all the aged samples. This is because of the presence of 568 

discontinuous grain boundary α-phase that can be linked with the much ductile nature of the 569 

sample as stated above [6]. In literature [6], a very complex heat treatment method was used 570 

for laser melting deposited Ti alloy samples to obtain the discontinuous grain boundary α-phase 571 

to improve the ductility (~12.3%) of the material; however, the current work shows very simple 572 

steps to obtain the higher ductility (~11.6%).  It is also important to note here that the tensile 573 

properties (Table 6) obtained from the current work are comparable with the wrought and the 574 

SLM-built alloys. This boosts confidence in exploring the DLD process in a production 575 

application. 576 

When Fig. 9 and Table 6 are correlated then it can be understood that the strength of Ti-577 

5553 β-Ti alloy can be improved by reducing the interparticle spacing between the α-phase 578 

precipitates. However, the ductility of the material can be improved by either getting the 579 

coarser intragranular α-phase or getting the discontinuous grain boundary α-phase. Obtaining 580 

refined intragranular α-phase and discontinuous grain boundary α-phase in a single 581 

microstructure will lead to balanced mechanical properties for the material. This is what has 582 

happened with the fast-heated single-aged as-built sample aged at 600 °C for 0.5 h. 583 
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Conclusions 584 

The following conclusions can be drawn from this work: 585 

1. A unique microstructure with refined intragranular and discontinuous grain boundary α-586 

phase can be obtained by directly ageing (using fast heating rate) the as-built samples at 587 

ageing temperature (600 °C + 0.5 h). This microstructure produced a good balance in 588 

mechanical properties (UTS = 1345 ± 5 MPa and δ = 11.6 ± 0.5 %). 589 

2. The as-built samples showed relatively refined intragranular α-phase after single ageing 590 

with a faster heating rate when compared to solution-treated plus aged samples. This led 591 

to higher hardness and ultimate tensile strength values.  592 

3. The duplex-aged and slow-heated single-aged samples showed similar microstructure and 593 

mechanical properties. These samples showed maximum hardness and ultimate tensile 594 

strength values, but lowest ductility; due to extreme refinement of the intragranular α-595 

phase. 596 

4. The interparticle spacing between the α-phase ( 𝑑 ) showed a correlation with 597 

microhardness (𝐻𝑣 = 340 + 158/√𝑑) and yield stress (𝜎0.2 = 870 + 15086/√𝑑) values 598 

for all the aged samples. 599 

5. The obtained microhardness and tensile test results for the current work were found to be 600 

comparable with the available microhardness and tensile test results in the literature for 601 

SLM-built and wrought Ti-5553 β-Ti alloy. This boosts confidence in exploring the DLD 602 

process in a production application. 603 
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